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ABSTRACT: The structural evolution of tensile-deformed high-density polyethylene (HDPE) at the
lamellar level was investigated as a function of strain using a scanning synchrotron small-angle X-ray
scattering technique. Intralamellar crystalline block slips were activated at small deformations, whereas
stress-induced fragmentation and recrystallization process proceeded at a larger strain, yielding lamellae with
polymeric chains preferentially oriented along the stretching direction. The critical strains marking the onset
of the destruction of original crystallites and the fibril formation for isothermally crystallized HDPE were at
about 0.4 and 1.2, respectively. In the case of a quenched sample, the critical strainwas 0.4. In the isothermally
crystallized sample two critical values were observed that could be traced back to the existence of two
populations of lamellar stacks with significantly different interlamellar amorphous phase thicknesses. This
resulted in distinct mobilities of the amorphous domains and, therefore, different moduli of the entangled
amorphous networks. Consequently, the strain required to produce the critical network stress, which gave
rise to a fragmentation of the crystalline blocks, was different for each stack of crystalline lamellae.

1. Introduction

Deformation behavior and tensile properties are very impor-
tant characteristics of semicrystalline polymers that exhibit a
nanoscopic layered structure consisting of crystalline lamellae
and an amorphous phase.1 Consequently, the tensile deformation
of semicrystalline polymers has been extensively studied.2-10 In
particular, high-density polyethylene (HDPE) can serve as a
model for semicrystalline polymers because of its simple chemical
structure and interesting mechanical performance. Tensile stret-
ching transforms the original microscopic spherulitic morpho-
logy into a highly oriented fibrillar one, where polymeric chains
are preferentially aligned along the drawing direction.11-16 How-
ever, the structural and molecular parameters involved in the
deformation process is not yet completely understood, mainly
because of the lack of structural and morphological information
at the molecular and nanometric length scales during deforma-
tion. It is therefore essential to probe into the micro- and nano-
structural changes, which occur during the mechanical deforma-
tion of the material, to gain further insight into the molecular
mechanisms of deformation in initially isotropic PE and to
provide possible routes for improvement of the material.17-23

Two distinct arguments have been proposed in literature to
account for the plastic nature underlying the lamellar to fibrillar
transition. First, it is suggested that the deformation is accom-
plished by slips within the lamellae, including crystallographic
fine slips and intralamellar mosaic block slips.6,11,24-27 Second,
stress-induced melting and recrystallization is proposed to be

responsible for the change of the morphology during the defor-
mation process.28-31 Experimental evidence for both arguments
has been extensively reported, including microscopic and X-ray
diffraction investigations supporting the slip mechanism8,12,24

and small-angle X-ray scattering (SAXS) experiments favoring
the melting-recrystallization mechanism.32-34

Because they are composed of periodically stacked lamellar
crystals with entangled amorphous polymeric chains in between,
semicrystalline polymers exhibit a complex deformation behavior
under tensile stress. The deformation is affected by the response
of both the crystalline and the amorphous phase. However, the
relative weights of the two contributions change with increasing
deformation.2,3 In recent years, Strobl et al. have performed
extensive studies on the deformation mechanisms of semicrystal-
line polymers by employing true stress-strain measurements at
constant strain rate. The results revealed that the tensile deforma-
tion of semicrystalline polymers is strain-controlled and that the
deformation mechanism changes at critical strains, which are
crystallinity and temperature invariant.1,21,35-39 The deforma-
tion mechanism changes from being block slip mediated into a
disaggregation-recrystallization process at a critical value of
strain. The position of the critical strain at this point depends
on the interplay between the entanglement density in the amor-
phous phase and the stability of the crystal blocks.15,36

To a large extent, the mechanical properties of HDPE depend
on its microstructure and morphology, which in turn is affected
by the crystallization conditions.2,3,40,41 Thus, our main objective
is to assess the influence of the crystalline structure and phase
morphology on the deformation behavior of HDPE bymeans of
positional scanning synchrotron SAXS. For this purpose, we
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have limited our observations to one deformation temperature.
Samples with different thermal history before tensile deformation
can be obtained through controlled crystallization modes. In the
present work, we study the microstructural evolution of isother-
mally crystallized HDPE at the nanoscale at different deforma-
tion ratios after stretching at a selected temperature of 100 �C.
The observations are directly related to the mobility of the amor-
phous phase and thus the modulus of the entangled amorphous
network.

2. Experimental Section

The HDPE used in this study was supplied by BASELL
Polyolefine, Frankfurt, Germany. The molecular weights were
Mw=3.24 � 105 g/mol and Mn=2.3 � 104 g/mol. The material
was first compression-molded at 180 �C and held in its molten
state for 5min to erase any residual local orientation. Themolten
sheet was then quickly transferred to a thermostatted oil bath,
which had been preset at a crystallization temperature of 128 �C.
After completion of isothermal crystallization, the sample was
slowly cooled down to room temperature yielding a plate with
2 mm thickness. A rectangular strip with a dimension of 20 �
70 mm2 was cut from the plate and mounted on a stretching
device in a heating chamber that was preheated to 100 �C.When
the desired temperature (100 �C) in the heating chamber had been
reequilibrated for 5 min, the strip was stretched at a constant
crosshead speed of 10 mm/min until neck propagation occurred
over a large portion of the sample. The sample was tensile
deformed at 100 �C to avoid strain-whitening, caused by cavita-
tions in the sample during deformation, that spoils the SAXS
patterns due to the strongly enhanced electron density contrast
between the cavitations and the surrounding polymeric matrix.42

The drawn sample was not fixed at its two ends in the stretched
state when it was taken out of the tensile machine. To accurately
measure the strain of the deformed sample along the neck shoul-
der, anoptical imageof the samplewas used for themeasurement.
Assuming a constant volume during elongation, the Hencky
equation of the strain εH was used as a measure for the deforma-
tion. It is defined as

εH ¼ 2 ln
b0
b

ð1Þ

where b0 and b represent the widths of the undeformed and
deformed areas located at specific spots on the sample.

Synchrotron SAXS measurements were performed at the
beamline BW4 at HASYLAB, DESY, Hamburg, Germany.
The energy of the X-ray radiation was 8.979 keV, resulting in a
wavelength of 0.13808 nm. The size of the primaryX-ray beam at
the sample position was 0.4� 0.4 mm2. The prestretched sample
was mounted onto a two-dimensional translational stage at the
beamline with a sample to detector distance of 6987 mm. At this
distance, the effective scattering vector q (q=(4π sin θ)/λ, where
2θ is the scattering angle and λ is the wavelength) range is
0.03-0.51 nm-1. The primary X-ray beam was first positioned
at the middle of the horizontally placed sample bar. The sample
was then moved stepwise in such a way that the X-ray beam
scanned over the neck shoulder at a step length of 0.5 mm
covering a strain from 0.07 to 1.48 on a single sample. SAXS
patterns were collected at every step within 120 s. The SAXSdata
were calibrated for background scattering and normalized with
respect to the primary beam intensity. Changes in scattering
intensity due to varying sample thickness were corrected by
measuring the sample adsorption using the ionization chambers
on both sides of the sample and applying the corresponding data
correction.

To obtain further information on the samples subjected to
different tensile deformation ratios differential scanning calorim-
etry (DSC) measurements were conducted on deformed samples
having two extreme draw ratios. A DSC 2920 (TA Instruments),
which had been calibrated for temperature and melting enthalpy

by using indium as a standard, was used during the experiments
with a heating rate of 10 K/min. The crystallinity was derived
from integrating the DSC traces with respect to a baseline drawn
as a tangent to the trace at temperatures of 40 and 150 �C and
relating the derived heat to the melting enthalpy (293 J/g) of the
hypothetical 100% crystalline polyethylene.43

To have a direct overview of the phase morphology of the
isothermally crystallized HDPE sample transmission electron
microscopy (TEM) measurements were conducted. For this, the
HDPE sample was trimmedwith amicrotome to provide a trape-
zoidal block face shape. This sample was dipped in a solution of
RuCl3 in aqueous sodium hypochlorite for some hours and then
ultramicrotomed at low temperatures with a Leica Ultracut S
FCS.44 The ultrathin sections had a thickness of about 80 nm.
TEM was performed with a LEO 912 Omega using an accelera-
tion voltage of 120 kV.

3. Results and Discussion

3.1. DSC and TEMResults. Before considering the micro-
structural evolution under tensile deformation, thermal
analysis results are presented to provide insight into the
influence of the crystallization mode and deformation ratio
on the thermal behavior of the HDPE samples. Figure 1
shows the DSC melting curves of samples taken from un-
necked parts and from the neck zones after having been
elongated at 100 �C. Since plastic deformation already set in
before the yield point, the un-necked region of the samples
also exhibited several percentages of permanent deforma-
tion.38,39 The values of the true strain (Figure 1) were derived
from eq 1. Both melting curves of the isothermally crystal-
lized HDPE samples display double endothermic peaks,
indicating the existence of two populations of lamellar
stacks with significantly different thermal stabilities. A
double melting peak might also be caused by the occurr-
ence of competing melting/crystallization processes but the
scattering data discussed below substantiate the assumption
that the former explanation for the double melting behavior
holds. The crystallinity of the material decreased slightly
after uniaxial elongation. This effect is due to the destruction
of originally perfect lamellar crystallites and formation of
defective crystals at the deformation temperature induced by
mechanical treatment.

A natural question arising from the DSC data is how the
two populations of lamellar stacks are arranged. To clarify
this point, we present in Figure 2 TEM micrographs of the
sample taken from the un-necked part. A global interpene-
trating structure is observed in the top image with low
magnification. Two populations of lamellar stacks with

Figure 1. DSC melting curves of isothermally crystallized HDPE
samples measured at a heating rate of 10 K/min after tensile deforma-
tion at 100 �C. The true strain and crystallinity are indicated on the
graph.
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different crystalline lamellar thicknesses are clearly visible in
images of highermagnifications (middle and bottom). Such a
structure is due to the preparation procedure of first iso-
thermal crystallization at a relatively high temperature of
128 �Cand then cooling down to room temperature. Obviou-
sly, the sample was only able to crystallize to a limited extend
after isothermal crystallization. During isothermal crystal-
lization, only those chains having a sufficiently low number
of defects (branches and chain-ends) can crystallize onto
crystalline lamellae. Chains that are not able to crystallize
during isothermal condition are repelled to the surrounding

regions and crystallize at lower temperatures during cooling
down yielding thinner lamellar crystallites. The structure
observed in our system suggests a crystallization driven
phase separation of polyethylene chains with different crys-
tallization ability at isothermal condition. This implies that
the behavior of the thicker lamellae in the current system
must be similar to the one of linear polyethylene. For melt
crystallized linear polyethylene, it is known that different
secondary crystallization behavior showed upduring cooling
down depending on isothermal crystallization time.45 New
crystalline lamellae with reduced thickness would be created
if the sample were cooled down after a short isothermal
crystallization time whereas thickening of the existing lamel-
lae occurred when the system was cooled down after pro-
longed isothermal crystallization.45 Clearly, our system
belongs to the latter case where well-organized stacks of
thickened lamellae are observed. Polymer chains that cannot
cocrystallize because of their higher content of defects are
expelled from these stacks and form stacks of thinner lamel-
lae at lower temperatures upon cooling the material.

3.2. SAXS Results. Information about changes in the
lamellar structure during tensile deformation can be extrac-
ted directly from the 2D SAXS patterns. Selected SAXS
patterns for isothermally crystallized HDPE samples, which
had been deformed at 100 �C to different strains, are given in
Figure 3. The SAXS patterns of the periodic lamellar struc-
ture of HDPE exhibit maxima at qmax when scanning along
certain directions. The apparent value of the long spacing
(dac) can be calculated using the Bragg equation

dac ¼ 2π

qmax
ð2Þ

This long spacing dac is equal to the average thickness of a
lamella together with one interlamellar amorphous layer
measured along the lamellar normal. At this point of the
data treatment, we did not take any symmetry considerations
into account that might necessitate multiplication of the
isotropic intensity value with q2 (Lorentz correction). We
are aware of the fact that this could lead to an error when
comparing the dac values evaluated from isotropic and highly
oriented samples. This point will be addressed below. As
mentioned above, the un-necked region of the sample exhi-
bited a macroscopic deformation of 0.07, which is also
evident from the slight anisotropy of the respective scattering
pattern.

The SAXS patterns for the isothermally crystallized
sample collected at different strains exhibit two scattering

Figure 2. TEM micrographs of the isothermally crystallized HDPE
sample taken from the un-necked region.

Figure 3. Selected small-angle X-ray scattering patterns of HDPE
isothermally crystallized at 128 �C and tensile deformed at 100 �C as
a function of true strain. The stretching direction is horizontal.
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intensitymaxima (cf. Figure 4), reflecting the presence of two
populations of lamellar stacks with different long spacing
values. This finding supports the interpretation of DSC
results given above. As the deformation ratio increases, the
SAXS patterns transform from a scattering diagram with
peaks perpendicular to the stretching direction at small
deformations to a four-point scattering diagram atmoderate
strains and eventually to a highly anisotropic scattering
intensity distribution with scattering peaks aligned in the
meridional direction (i.e., along the stretching direction).
The presence of four-point SAXS patterns is indicative of a
slipping/tilting of the oriented lamellar crystallites. This
observation can be explained by assuming that lamellar
stacks that are inclined with respect to the macroscopic
orientation direction are able to experience an intralamellar
slip, keeping some correlation within the stacks, while lame-
llae with their normal parallel and perpendicular to the
stretching direction are broken, resulting in a loss of SAXS
intensity.

In an effort to further explain the evolution of the lamellar
long spacing in the process of tensile deformation, the one-
dimensional scattering intensity distributions along the stret-
ching direction is considered (Figure 4). We took two appro-
aches to represent the data of the isotropic samples with the
correct qweighting; the scattering intensitywasmultiplied by
q2 for data processing (Lorentz correction) on the one hand,
while for the data with fiber symmetry, that is, at high
stretching ratios, no Lorentz correction was applied.46,47

Clearly, both approaches are correct only for the respective

extreme situations, where the lamellar stacks are distributed
isotropically, that is, samples without strain, and where the
stacks of lamellae are perfectly oriented with their normal
along the drawing direction. In between these extremes, no
unique recipe for data treatment is available because of the
uneven distribution of scattered intensity in reciprocal space.
Both sets of data are presented in Figure 4. Since two scatter-
ing peaks appear in the scattering intensity distributions of
the isothermally crystallized sample, the profile was decom-
posed into contributions on the basis of two Gaussian func-
tions. From the resulting fitted data the long spacing values
for the sample after deformationmeasured along the stretch-
ing direction were calculated according to eq 2 (Figure 5).
The evolution of the long spacing of the quenched sam-
ple, which was deformed at the same temperature, is also
included in this figure. As pointed out in our previous inves-
tigations, for a semiquantitative discussion of the depen-
dence of the long spacing on the strain, the type of data
treatment (Lorentz correction versus no correction) only
plays a minor role.17,48 Consequently, in the present study
the values of the long spacings were derived from the
Lorentz-corrected scattering curves. Variations of the long
spacing values along the stretching direction with strain
exhibited a transition-like behavior for both samples
(Figure 5). In the case of the isothermally crystallized sample,
initially there is an increase in the long period due to
stretching of the amorphous regions and possibly an accom-
panying slight rearrangement of lamellae. Subsequently a
considerable drop in the long spacing from about 43 nm
before necking to around 35 nm in the necked zone for
thicker lamellar stacks (lamellae I) is observed. This behavior
is in line with the assumption of a fragmentation and
recrystallization process occurring during deformation.
Since the imposed drawing temperature was lower than the
isothermal crystallization temperature, the recrystallization
process produces lamellae that are thinner than the original
ones because of the high undercooling.49 On the other hand,
the long spacing of the thinner crystalline lamellae (lamellae
II) increases by about 2 nm during deformation until it levels

Figure 4. SAXS. One-dimensional scattering intensity distribution
profiles for HDPE isothermally crystallized at 128 �C, taken along
the stretching direction at different deformations. Peak positions were
used to calculate the long spacing (dac).

Figure 5. True-strain dependence of the long spacing dac along the
drawing direction derived from Lorentz-corrected scattering curves.
Lamellae I and lamellae II represent the thicker and thinner lamellar
stacks in the isothermally crystallized HDPE sample.



Article Macromolecules, Vol. 43, No. 10, 2010 4731

off at a critical strain of 0.4. The long spacing of the quenched
sample drops considerably up to a critical strain of 0.4 in the
transition zone and then increases gradually with a further
increase of the deformation ratio. It must be noted that the
critical strain associated with the onset of the formation of
fibrils, following the disaggregation of crystal blocks, is a
true strain with a value of about 1.2 for lamellae I, whereas
the critical value for lamellae II is 0.4, which is equivalent to
the critical strain of the quenched sample. The further incre-
ase of the long period of lamellae II stacks above a strain of
1.2 is due to the combined deformation of reformed lamellae
I and II stacks.

Finally, the physical situations at the two different critical
strains are considered. Because of the interpenetrating nat-
ure of the structure built by the crystalline lamellae and the
interlamellar entangled melt phase, the reaction of semicrys-
talline polymeric material upon stretching is affected by
the behavior of both components. It is meanwhile accepted
that the interplay between the state of the entangled amor-
phous phase and the intrinsic stability of the crystal blocks
determines the position of the critical strain, at which the
transition from slipping of the crystalline blocks to a frag-
mentation and recrystallization process occurs.36 Since the
crystalline lamellae are still persisting entities up to this
point, the extension ratio at the transition point is directly
related to the network modulus of the amorphous phase.36

Thus, the critical strain reflects the property of the entangled
amorphous phase. The average thickness of the amorphous
and crystalline regions measured along the stretching direc-
tion can be evaluated from the one-dimensional electron
density correlation function K(z) as follows1,45,50-52

KðzÞ ¼
R¥
0 IðqÞq2 cosðqzÞdq

R ¥
0 IðqÞq2dq ð3Þ

where z is parallel to the drawing direction.Multiplication of
q2 to I(q) is necessary to account for the isotropic distribution
of the crystalline lamellae in the selected systems prior to
deformation.1,47 The one-dimensional scattering intensity
distribution of isothermally crystallized HDPE measured
before deformation and the resultant correlation functions
for the three populations of lamellar stacks are given in
Figure 6. The scattering intensity distribution profile was
decomposed into contributions from two populations of
lamellar stacks based on Gaussian functions, as given in
the top plot of Figure 6. The inset in the bottom plot demon-
strates how the average thickness of the amorphous layers
(da) and the long spacing (dac) were obtained.1 It must be
mentioned that it is impossible to decide whether it is the
amorphous or the crystalline thickness that is read out from
the correlation function without prior knowledge of crystal-
linity. However, the crystallinity of the sample used in the
present study was higher than 0.5. Thus, the smaller value is
assigned to the average thickness of the amorphous layers.
As a result, the average thicknesses of the amorphous layers
for lamellae I and lamellae II, and the quenched sample, are
15.6, 8.9, and 8.6 nm, respectively. A larger thickness of the
amorphous layers implies a higher molecular mobility be-
cause the entangled amorphous phases between the lamellae
are confined to a lesser extent. Accordingly, the sample with
amore mobile amorphous phase exhibits a reducedmodulus
of the entangled amorphous network. The higher network
mobility in the amorphous phase of lamellae I is ascribed
to a significant reduction of concentration of tie-molecules
connecting adjacent lamellae and an increase in the con-
centration of chain-ends. This is the consequence of the
isothermal thickening of polyethylene crystalline lamellae

during isothermal crystallization.45,53,54 Such an isothermal
thickening is accompanied by the dissolution of a portion of
crystallites resulting in eliminating tie chains previously
connecting them and pushing more chain end cilia into the
amorphous phase (cf.model presented inFigure 11 of ref 45).
The resultant amorphous phase must exhibit a reduced
effective networkmodulus because part of the entanglements
including chain endsmay easily be freed during deformation.
On the other hand, the amorphous phase within stacks of
thin lamellae grown upon cooling did not undergo such
reorganization during fast crystallization. Combined with
the assumption of a homogeneous strain distribution during
deformation,1,21,55 the differences in network moduli bet-
ween the different amorphous phases can be employed to
explain the existence of two critical strains when the iso-
thermally crystallized sample is deformed. Since the amor-
phous network modulus of stacks of lamellae I was smaller
than that of lamellae II, the stress generated in the stacks of
lamellae I should be lower than that in lamellae II at a given
imposed strain. Therefore, the critical stress, abovewhich the
crystalline blocks are no longer stable, is reached first for
lamellae II at a smaller strain and then at a larger strain for
lamellae I, giving rise to a two-step deformation process.
Additionally, the critical strain for the quenched sample was
equivalent to that observed for lamellae II, primarily due to
their similar amorphous phase chain mobility.

4. Conclusions

The microstructural evolution of isothermally crystallized
HDPE was investigated as a function of true strain using

Figure 6. SAXS. One-dimensional scattering intensity distribution of
isothermally crystallizedHDPEalong the stretchingdirectionmeasured
before deformation and the decomposition into two lamellar stack
contributions (top), as well as the one-dimensional correlation function
derived from the isothermally crystallized andquenchedHDPEsamples
before deformation (bottom). The long spacing (dac) and the average
amorphous layers thickness (da) can be obtained from the correlation
function as illustrated in the inset of the bottom figure.
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scanning synchrotronSAXSexperiments. Itwas found that in the
process of lamellar to fibrillar transition, intralamellar slips of the
crystalline blocks were activated at low deformations, followed
by stress-induced fragmentation and a recrystallization process.
Moreover, the role of the mobility of the entangled amorphous
phase in the tensile deformation process was elucidated. A two-
step deformationbehavior canbe observedwhen the isothermally
crystallized sample was tensile deformed at 100 �C. This finding
was ascribed to the sequential destruction of lamellae II and
lamellae I due to different network moduli of the interlamellar
amorphous phase. A quenched sample exhibited a similar critical
strain as the one observed for lamellae II because of the compar-
able mobility of their amorphous phases.
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